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Abstract

The kinetics of phase separation in Fe-Cr alloys under irradiation is modeled

by Atomistic kinetic Monte Carlo simulations that include the formation, mi-

gration and elimination of vacancies and self-interstitials at point defects sinks.

The evolution of the sink density is modeled by cluster dynamics, and taken

into account in the Monte Carlo simulations by a rescaling of the time. The re-

sults are in good agreement with available experimental observations of neutron

irradiation at 290°C. The irradiation is found to accelerate the kinetics of phase

separation by orders of magnitude, with an acceleration factor given by the

increase in point defect concentrations. The microstructure evolution is quali-

tatively the same as during isothermal annealing, except in the vicinity of point

defect sinks. The e�ects of equilibrium and radiation induced segregations at

grain boundaries are considered. The ballistic mixing occurring in displacement

cascades is modeled, and is found to be insu�cient to produce the dissolution

of chromium rich precipitates at 290°C, even at high dose rates. Therefore, it

cannot explain the absence of precipitation observed during ion irradiations.
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Figure 1: The Fe-Cr Phase Diagram, from Ref. [2] (the circles show the miscibility gap of the
AKMC model).

1. Introduction

Iron-chromium alloys are the model system of ferritic and ferritic-martensitc

steels that will be used in future �ssion (generation IV) and fusion nuclear

reactors. Below approximately 600°C (Fig. 1), Fe-Cr solid solutions undergo

a coherent phase separation between an iron rich phase (α) and a chromium

rich phase (α′), with body centered cubic (bcc) lattices and very close lattice

parameters. This decomposition is the origin of the �475°C Embrittlement�,

a phenomenon known since the thirties and that has been related to the α′

precipitation in 1953 [1].

Kinetics of isothermal precipitation in Fe-Cr alloys have been extensively

studied by small-angle neutron scattering (SANS) [3, 4], Mössbauer Spectroscopy

[5�7], �eld ion microscopy and 3D atom probe (3DAP) [8�13]. Most of these

studies deal with relatively highly concentrated alloys at temperatures of 450°C

or above, where precipitation kinetics is rapid enough. At lower temperatures

α′ precipitation becomes slower, even in highly supersaturated alloys: for ex-

ample, it is not observed in a Fe-32%Cr alloys after an isothermal annealing of
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2150h at 290°C [14]. As usual, because of slow kinetics the low temperature

region of the phase diagram is mainly known from extrapolation from higher

temperatures, leading to some controversies [2, 15]. But for nuclear applications

with Cr concentrations between 8 and 12% [16], or even 14% for the matrix of

some oxide dispersion-strengthened steels [17], one may expect a α′ precipita-

tion: according to the most recent phase diagrams (Fig. 1), at T < 300°C for

9% of Cr, at T < 450°C for 14% of Cr. The precipitation may be too slow

to be observed during isothermal annealing on accessible times, but it can be

strongly accelerated by irradiation, because point defect concentrations may

then be higher than the equilibrium ones (by orders of magnitude), leading to

much faster di�usion. Indeed, α′ precipitation has been observed under neutron

irradiations: at 290°C in model alloys with 9 to 18% of Cr [18] and with 32% of

Cr [14], at 300°C in Fe-12%Cr [19, 20] and Fe-12.5%Cr [21] alloys, at 325°C in

martensitic steels with 7 and 11% of Cr [22], at 300 and 450°C in 10 and 16%Cr

models alloys [23]. On the opposite, a recent study [24] has shown no α′ precip-

itates in a Fe-12%Cr alloy irradiated by ions at 300°C, while they were observed

in the same alloy during neutron irradiation at the same temperature, with a

lower dose rate (7 × 10−7 instead of 2 × 10−4dpa.s−1). On the modeling side,

cluster dynamics has been used to model the acceleration of Cr precipitation

in Fe-12.5%Cr at 300°C: the experimental kinetics were successfully reproduced

by using the α/α′ interface energy as a �tting parameter [25].

Besides a strong acceleration, these experiments show few di�erences in the

precipitate microstructure between isothermal agings and irradiations. One ex-

ception is the study of a Fe-32%Cr alloy irradiated by neutrons at 290°C: isolated

α′ precipitates were observed [14], while alloys with such high Cr contents usu-

ally display bi-percolated microstructures when annealed without irradiation at

higher temperatures. Moreover, the Cr solubility limit was found to be much
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higher under irradiation than at equilibrium (' 30%, instead of ' 9%). Both

e�ects were attributed to the ballistic mixing occurring within displacement

cascades [14]. These conclusions seem hardly compatible with the experiments

of Mathon et al. [22], performed at a slightly higher temperature (325°C), sug-

gesting a much lower solubility, close to the equilibrium one. Another di�erence

with isothermal annealing is the observation under irradiation of precipitate free

zones (PFZ) in the vicinity of cavities [26], grain boundaries, or other incoherent

precipitates (such as carbides or nitrides [27]). To our knowledge, this has not

been observed for α′ precipitation without irradiation.

The aim of the present study is to model the kinetics of α− α′ phase sepa-

ration under irradiation and especially to quantify the acceleration due to the

point defect supersaturation. We also consider possible e�ects that could quali-

tatively change the precipitation microstructure, such as those of ballistic mix-

ing and of grain boundaries. We use Atomistic Kinetic Monte Carlo (AKMC)

simulations that take into account the di�usion of Fe and Cr by vacancy and

self-interstitials, including the formation, migration, mutual recombination and

annihilation of these point defects at sinks. The parameters of the model have

been �tted to ab initio calculations and it has been successfully applied to model

kinetics of precipitation during isothermal annealing [28, 29] and radiation in-

duced segregation [30].

A key point to model the acceleration of precipitation is to deal with realistic

point defects concentrations. Therefore in section 2, we �rst recall some impor-

tant aspects of radiation e�ects on point defect concentrations and di�usion, as

revealed by homogeneous kinetic equations and cluster dynamics, emphasizing

especially the role of dose rate and point defect sink densities. In section 3 we

present the AKMC simulations that are performed using di�erent dose rates and

di�erent, but constant, sink densities. We explain how they can be improved
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to take into account a more detailed evolution of the sink densities, as given by

cluster dynamics. The results of the simulations are presented in section 4 and

compared with experimental results.

2. Point defect concentrations and di�usion under irradiation

The di�usion coe�cients of substitutional elements (in our case, Fe and Cr)

are proportional to point defect concentrations. In a pure metal for example, if

the contribution of di-vacancies, di-interstitials and other point defect clusters

are negligible, the self-di�usion coe�cient is given by:

D∗ = ficiDi + fvcvDv (1)

where Di and Dv are the di�usion coe�cients of vacancies and self-interstitials,

fi and fv some correlation factors (in pure metals, constants close to 1), ci and

cv the point defect concentrations [31, 32]. Under irradiation these concentra-

tions may be much higher than the equilibrium values, ceqi and ceqv . Several rate

theory models have been proposed to estimate the evolution of ci and cv. Most

simple ones only consider mono-vacancies and mono-interstitials in a homoge-

neous system, with concentration evolutions given by:

dcv
dt

= G−Rcicv −
∑
s

k2svDv(cv − csv) = G−Rcicv −Kv(cv − ceqv )

dci
dt

= G−Rcicv −
∑
s

k2siDi(ci − csi) = G−Rcicv −Ki(ci − ceqi )
(2)

G is the point defect production rate, or dose rate (in dpa.s−1), R = 4πrc(Di +

Dv)/Ω is the rate of recombination between vacancies and interstitials (where

Ω is the atomic volume and rc the distance of spontaneous recombination).

The third terms in Eq. (2) correspond the elimination of point defects on the

di�erent sinks s of the microstructures: grain boundaries, free surfaces, point
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defect clusters, etc. csv and csi are the point defects concentrations at the sinks

(where they remain at their equilibrium values, csv = ceqv and csi = ceqi ). The

sink strengths k2sv and k2si have been computed for common sinks [33]. For

example, for a thin �lm geometry with planar sinks separated by a distance L,

k2s ' 12/L2.

Usually cv � ceqv and ci � ceqi , and the steady-state solutions of Eq. (2) are:

cstv = −Ki

2R
+

√
K2
i

4R2
+
GKi

RKv

csti = −Kv

2R
+

√
K2
v

4R2
+
GKv

RKi

(3)

Time evolutions are easily obtained by numerical integration of Eq. (2).

Using Eq. (1), and considering that Eq. (2) imposes ciDi ∼ cvDv in the

steady-state, di�usion under irradiation is accelerated by a ratio 2(cstv /c
eq
v ) after

a short transient regime.

In simple cases the sink microstructure and the sink strength are supposed

to be constant, but in general they evolve during the irradiation, although much

more slowly than the point defect concentrations. The annihilation of point de-

fects on pre-existing dislocations can produce a climb of the dislocation network,

and point defects can form vacancy or interstitial clusters directly in displace-

ments cascades or after subsequent evolution. Cluster dynamics (CD) methods,

based on generalized rate theory equations, give the evolution of clusters of j

defects, according to :

dcj
dt

= Gj +
∑
k

w(k, j)cj −
∑
k

w(j, k)cj − Lj (4)

where Gj is the production rate of clusters of j defects, w(k, j) and w(j, k)

the rate of absorption or emission of a cluster of size j by a cluster of size k,

and Lj gives the rate of elimination of the clusters on the sinks other than
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point defects clusters. In the following, we will use the CD code Crescendo [34],

with the parameters determined by Meslin et al. [35] to �t electron microscopy

observations of clusters formed during ion irradiation of iron.

3. Monte Carlo Simulations

Atomistic Kinetic Monte Carlo (AKMC) methods allow a simulation of the

α− α′ decomposition, directly based on realistic di�usion mechanisms. We use

here the AKMC code and parameters developed by Senninger et al. [30] to study

radiation-induced segregation (RIS) in Fe-Cr alloys (simpler versions have been

previously applied to the study of α − α′ phase separation during isothermal

annealing [28, 29] ).

The model takes into account the di�usion of mono-vacancies and self-

interstitials with 〈110〉 dumbbell con�gurations (the most stable one in Fe-Cr

alloys). Migration barriers are computed with a broken-bond model and e�ective

pair interactions �tted to ab initio calculations. The pair interactions depend on

the temperature and the local composition, to take into account vibrational and

magnetic contributions, especially important in these alloys [28�30]. In this way,

the asymmetrical α− α′ miscibility gap (Fig. 1) and the experimental di�usion

properties of Fe-Cr alloys in a large domain of temperatures and compositions,

are well reproduced [29]. The modeling of point defect concentrations, and their

evolutions, depend on the situation.

3.1. Thermal aging

During isothermal annealing (no irradiation), only vacancy di�usion is rel-

evant and one may assume that vacancy concentrations remain at equilibrium

during the phase separation. Only one vacancy is introduced in the AKMC

simulation, but the time is rescaled to take into account the real vacancy con-

centration and its change during the evolution of the precipitate microstructure
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[28, 36]. Simulations are performed in cubic systems with N = 2 × 643 or

N = 2 × 1283 lattice sites and periodic boundary conditions (the small size is

used to simulate long annealing times, the largest one to get better statistics).

3.2. Irradiation

Point defect concentrations are no more at equilibrium, and their formation

and elimination mechanisms are introduced in the simulations [37]. Several

formation mechanisms of point defects are used, in order to assess the e�ect

of ballistic mixing on the precipitation kinetics (in the following we use the

common terminology: displacements refers to the formation of point defects,

replacements to atoms that change of site but remain on the bcc lattice):

� Channeling mechanism (CHA): one vacancy is created on a randomly

chosen lattice site, and the atom initially located on this site forms a

dumbbell with another atom, located at a distance of 10 nearest neighbor

(nn) in one of the eight 〈111〉 dense directions, randomly chosen. No

replacement occurs between the vacancy and interstitial sites.

� Replacements collisions sequences (RCS): one vacancy is created on a ran-

domly chosen lattice site and a series of 10 replacements is produced in

one of the eight 〈111〉 dense directions, randomly chosen. The two atoms

at the end of the sequence form a dumbbell. 10 replacements are therefore

produced for each displacement.

� Replacement cascades (CAS): one vacancy is created on a randomly chosen

lattice site, the atom initially located on this site forms a dumbbell with

an atom randomly chosen within a sphere with a radius of 10 nn around

the initial atom. A series of 100 replacements is performed between pairs

of atoms randomly chosen within the same sphere.
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Figure 2: Point defect sinks geometry of the AKMC simulations

The �rst two mechanisms are typical of electron irradiations, the third one takes

into account some key features of ion or neutron irradiation: the large number of

replacements in displacements cascades that produce a local chemical disorder.

On the other hand it does not reproduce the direct formation of small interstitial

and vacancy clusters, typical of these irradiation conditions. In each case, the

frequency associated with the Frenkel pair formation is given by the dose rate

(in dpa.s−1).

Point defects disappear by:

� Mutual recombination, when the distance between a vacancy and an in-

terstitial is below a given recombination radius rc (4 nn distances).

� Annihilation on sinks. We have chosen a simple sink geometry (Fig. 2):

the system contains a simple model of grain boundary (GB), constituted

of a plane of lattice sites, acting as perfect sinks. With periodic boundary

conditions, it corresponds to a microstructure of parallel grains, with dis-

tances L between the GBs. Equilibrium segregation at GBs is accounted

for by adding extra energetic terms esegCr when Cr atoms are located on

the sites of the GB, and of two neighboring planes (see 4.4 for details).
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The simulations are performed in cubic simulations boxes with N = 2× 643 or

N = 2× 1283 bcc lattice sites and a GB along a {100} plane (with L = 64a ∼

18 nm or 128a ∼ 37 nm) or in rhombohedral boxes with N = 64× 64× 512 bcc

sites and a GB along a {110} plane (with L = 256
√

2a ∼ 104 nm).

The di�erent events are chosen with a residence time algorithm [30, 37].

Since formation and annihilation mechanisms are directly reproduced, one gets

point defect concentration and a time tMC representative of the chosen irradi-

ation conditions: temperature, dose rate and the sink density in the simulation

box.

3.3. Evolution of sink density and time rescaling by cluster dynamics

The previous geometry makes it easy to control the sink strength and to

measure Cr and point defect concentration pro�les around grain boundaries.

An important limitation is that the sink density and strength are imposed and

constant (k2s ' 12/L2). According to Eq. (2)-(3), point defect concentrations

are therefore not the same in the AKMC simulations and in the experiments:

their time scales and precipitation kinetics are not directly comparable. Indeed,

a distance of 18 or even 104 nm between GBs corresponds to a very small

grain size, and the corresponding sink strength is too high. On the opposite,

other point defect sinks, especially point defect clusters, are not included in the

simulations.

We have therefore used the CD model to get more reliable estimation of the

total sink strengths and point defect concentrations. We use the parameters of

Ref. [35] which are, strictly speaking, only valid for pure iron. An addition of

10 to 20% of Cr must modify the point defect di�usion coe�cients [30] and the

stability and migration of point defect clusters. However, if this can strongly

a�ect the distribution of point defect clusters, the total dislocation density and

the total sink strength are probably less sensitive to such details, being mainly
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determined by the number of vacancies and interstitials (at least in conditions

where recombinations are negligible).

An example of CD calculation is shown in Fig. 3(a). It gives the evolution of

the total sink strength, together with the contributions of the di�erent kinds of

sinks, for a neutron irradiation in conditions closed to the study of Bachhav et

al. [18] (290°C, 3.4× 10−7dpa.s−1, dislocation density ρd = 108cm−2, grain size

200µm). The results correspond to high density sinks at 290°C the elimination

of point defects by mutual recombination is negligible, Eq. (3) gives cstv ' G/Kv

and csti ' G/Ki.

At the beginning of the irradiation, the dominant sinks are the dislocations

of the initial dislocation network. Very rapidly the vacancy clusters formed in

displacement cascades prevail. The contribution of interstitial clusters always

remains one or two orders of magnitude lower and the one of grain boundaries

is negligible.

Figure 3(b) compares the total sink strength of the cluster dynamics with the

constant one of the AKMC simulations, for di�erent distances between sinks.

Because of the very high density of grain boundaries, the sink strength is initially

overestimated in the AKMC simulations. On the opposite for high irradiation

doses (∼ 1 dpa), the sink strength is underestimated in AKMC simulations (es-

pecially for large L). The physical time scale corresponding to the experimental

conditions can be obtained by rescaling the Monte Carlo time according to:

t = tMC ×
cd(AKMC)

cd(CD)
(5)

When elimination by recombination is negligible: csti,v ' G/(k2sDi,v) and t =

tMC×k2d(CD)/k2d(AKMC). In practice, AKMC simulations are performed with

the time scale corresponding to a constant sink strength, CD calculations are

performed for a set of parameters (temperature, dose rate, dislocation density,
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Figure 3: Evolution of the sink strengths in α-Fe under neutron irradiation at 290°C and
3.4× 10−7dpa.s−1, computed by cluster dynamics. (a) Contribution of the di�erent sinks (b)
Evolution of the total sink strength, compared with the constant sink strength in AKMC sim-
ulations (estimated to k2tot = 12/L2, for di�erent distances L between the grain boundaries).
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grain size) corresponding to the experimental conditions and the AKMC time

is rescaled by Eq. (5).

4. Kinetics of decomposition under irradiation

4.1. Acceleration of the phase separation

Bachhav et al. [18] have observed by 3DAP the α′ precipitation in Fe-Cr

alloys with Cr contents between 3 and 18% of Cr, during neutron irradiations at

290°C, with a dose rate of 3.4×10−7dpa.s−1 and up to a �uence of 1.82 dpa. For

9, 12, 15 and 18% of Cr, they observed a homogeneous α' precipitation, with a

precipitate density increasing rapidly with the Cr concentration. No precipita-

tion was observed in Fe-3%Cr and Fe-6%Cr alloys. We have performed AKMC

simulations with the same temperature and compositions, under irradiation at

the same dose rate, as well as during isothermal annealing at the same tem-

perature. Simulations under irradiation have been �rstly performed with the

channeling formation mechanism of Frenkel pairs, two distances (L = 37 and

104 nm) between point defects sinks, and no equilibrium segregation tendency

at GBs (esegCr = 0).

4.1.1. Precipitation in Fe-15%Cr

Let us �rst consider the α′ precipitation in the Fe-15%Cr alloy. Typical

precipitate microstructures are shown in Fig. 4 (isothermal annealing) and 5

(irradiation). In both cases one observes a nucleation and growth of isolated α′

precipitates, the main di�erences being that under irradiation a precipitate free

zone of a few nanometers surrounds the GB, and that the kinetics is much more

rapid.

Point defect concentrations. To analyze the acceleration, it is important to con-

sider the point defect concentration pro�les under irradiation, and the e�ect of
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Figure 4: AKMC simulations of α − α′ phase separation in Fe-15%Cr during an isothermal
annealing at 290°C (with N = 2× 643 bcc sites, only the Cr atoms are shown).

the Cr concentration and the sink density. Fig. 6 gives the point defect concen-

tration pro�les measured in AKMC simulations in Fe-15%Cr and, for compari-

son, in pure iron. They are measured at the end of simulations, but indeed the

point defect concentrations stabilizes very rapidly, in practice as soon as they

can be measured [37]. In pure iron the steady-state concentrations (far from

the GB) are cstv ' 10−11 and csti ' 1.6 × 10−14 for L = 37nm, close to the

values predicted by Eq. (3): cstv ' 8.5× 10−12 and csti ' 1.3× 10−14 [Fig. 6(a)].

For the larger L = 104 nm, the AKMC simulations give: cstv ' 4.8 × 10−11,

csti ' 7.5× 10−14 and Eq. (3): cstv ' 6.8× 10−11 , csti ' 1.1× 10−13 [Fig. 6(b)].

These concentrations are well above the equilibrium value: ceqv ' 2.2 × 10−18

at 290°C (with a vacancy formation energy Eforv = 2.17 eV and a formation

entropy Sforv = 4.1kB in pure iron [29]). As expected, they increase when L in-

creases. The approximate values cstv ' G/Kv and c
st
i ' G/Ki (for high densities

of sinks) give the same results as Eq. (3).1

1AKMC values are close to the predictions of Eq. (3), but they are indeed slightly higher
for L = 37nm, and slightly smaller for L = 104nm. Eq. (3) predicts that cstv and csti are
proportional to L2, so that they should increase by a factor 8 between L = 37 and 104 nm.
AKMC rather gives a factor 5. This discrepancy is due to the shape of the system used in the
AKMC simulations with L = 104nm (a box of N = 64× 64× 512 bcc lattice sites elongated
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Figure 5: AKMC simulations of α−α′ phase separation in Fe-15%Cr under an irradiation at
290°C and 3.4×10−7dpa.s−1 (with N = 2×1283 bcc sites and a distance L = 37 nm between
GBs, the GB is located in the middle of the vertical direction)
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Figure 6: Steady-state point defect concentration pro�les in the vicinity of a grain boundary,
measured in AKMC simulations, in pure Fe and in Fe-15%Cr, under irradiation at 290°C and
3.4 × 10−7dpa.s−1, for two distances between the GBs (L = 37 and 104 nm). The dashed
lines gives the steady-state concentrations predicted by Eq. (2), in pure iron.

By comparison with pure iron, the steady-state concentrations in the Fe-

15%Cr alloy [see Fig. 6(c) and (d)] mostly exhibit a decrease by a factor 2 for

the vacancies: cstv ' 5×10−12 and cstv ' 2.3×10−11 respectively for L = 37 and

104 nm (the self-interstitial concentrations are almost the same as in pure iron).

This is due to the fact that at 290°C, an addition of 10 to 15% of Cr increases

the di�usion coe�cient of vacancies by the same factor, and has no signi�cant

e�ect of the interstitial di�usion coe�cient [30]. In the Fe-15%Cr alloy as in

pure iron, point defect concentrations will be therefore ∼ 5 times larger with

L = 104nm than with L = 37nm.

in the 〈110〉 direction). With such shape and periodic boundary, vacancy and interstitial
di�using along lateral directions recombine more frequently before reaching the GB than in
a system of 512 × 512 × 512 lattice site: the number of recombinations is then arti�cially
increased. We have checked that simulations with N = 2 × 1283 and N = 512 × 512 × 512
di�er by a factor 8 in steady-state point defect concentrations, but unfortunately they are too
time consuming to study the precipitation kinetics.
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Microstructure evolution. Fig. 7 gives the evolutions of the density dp and the

average radius Rp of α
′ precipitates,2 corresponding to the microstructure evo-

lutions of Fig. 4 and 5. The experimental values of Ref. [18] (only available at

1.82 dpa) are shown for comparison. The full lines show the results of AKMC

simulations with the time scale corresponding to the constant sink strength, i.e.

with the point defect concentrations discussed in the previous paragraph. The

dashed lines give the kinetics after rescaling by Eq. (5), taking into account the

evolution of the sink strength computed by CD.

During isothermal annealing as well as under irradiation, the evolutions of

dp and Rp correspond qualitatively to classical nucleation, growth and coarsen-

ing regimes. During isothermal annealing, the precipitation is very slow: the

maximum density of precipitates (dmaxp ' 3 × 1019cm−3, with Rp ' 0.67 nm)

is reached after 4 × 1010s (approximately 1300 years). Under irradiation at

3.4×10−7dpa.s−1 and using �rst the non-rescaled time (full lines in Fig. 7), it is

reached after only 2.9× 104s with L = 37nm, and 5.4× 103s with L = 104nm,

i.e. with acceleration factors between 6 and 7 orders of magnitude. The accel-

eration is due to the point defect supersaturation: the di�erence between the

kinetics with L = 37 and L = 104nm corresponds to the factor 5 between the

point defect concentrations [Fig. 6(c) and (d)], and by comparison with the equi-

librium concentration of vacancies ceqv ' 2×10−18, one gets 2(cstv /c
eq
v ) ' 5×106

and 2 × 107 depending on L. For a given distance L, we have also observed

the same evolutions of dp and Rp, and similar microstructures, with GBs along

{100} and {110} planes.

2Clusters of 50 or more Cr atoms are considered as α′ precipitates. The radius of a
precipitate is given by Rp = [(3nCrΩ)/(4π)]1/3, where nCr is the number of Cr atoms in the
cluster. We assume a spherical shape and we use the same de�nition as in Ref. [18], for a
direct comparison with the experiments. The Fe atoms within the α′ precipitates (∼ 15% at
290°C), are neglected, which (as noted in [18]) can lead to a underestimation of the precipitate
radius of the order of 0.1 nm.
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Figure 7: AKMC simulations of α − α′ phase separation in Fe-15%Cr during an isothermal
aging at 290°C and under irradiation at 3.4 × 10−7dpa.s−1: evolution of the density dp and
of the average radius Rp of α' precipitates.

Except for this strong acceleration, the evolutions of dp and Rp appear qual-

itatively similar under irradiation and during isothermal annealing, they are

simply shifted towards shorter times. This is in agreement with the similar-

ity of microstructures in Fig. 4 and 5, which only di�er in the vicinity of

the GB. The PFZ formed in this region under irradiation is due to the low

point defect concentrations near the sink (Fig. 6) that lead to a slower di�u-

sion of Cr, and prevent the nucleation and growth of precipitates. It explains

that the maximum density of precipitates is slightly smaller under irradiation

(dmaxp ' 2.4×1019cm−3 for L = 37nm, dmaxp ' 2.6×1019cm−3 for L = 104nm).

The precipitates that nucleate and grow on both sides of the PFZ can absorb

the corresponding excess of Cr atoms, leading to the formation of a layer with

a locally higher density of precipitates (Fig. 5). When the distance L between

sinks increases, the relative importance of the precipitate free zone decreases

and dmaxp approaches the value of the isothermal annealing (3× 1019cm−3).

The kinetics predicted by the simulations without correction of the time scale

are too fast by approximately one order of magnitude at large doses. Fig. 3(b)
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shows that it is due to the underestimation of the sink strength. At small times,

CD predicts a much lower sink strength than AKMC simulations, therefore

higher point defect concentrations: the AKMC simulations underestimate the

acceleration. On the contrary, at longer times (t > 2 × 103s for L = 104nm,

t > 5×105s for L = 37nm), CD predicts a higher sink strength and lower point

defect concentrations than AKMC, due to the formation of a high density of

small vacancy clusters.

When the time is rescaled according to Eq. (5) that take into account the

evolution of the sink strength predicted by CD (dashed lines in Fig. 7), the

AKMC kinetics are in better agreement with the experiments (although simu-

lations predict a radius slightly larger than the experimental one). The com-

parison suggests than the precipitation microstructures observed at 1.82 dpa in

the experiments [18] are already in the coarsening stage. Note that since the

time rescaling corrects the e�ect of sink densities, the kinetics becomes almost

independent of L: one gets the same evolution for the precipitate radius. There

is a small di�erence between the densities obtained with L = 37 and 104 nm,

for times below 1000 s, due to the PFZ.

4.2. E�ect of the Cr content

In Fe-9%Cr alloys, the Cr concentration is too close to the solubility limit to

observe a precipitation in the AKMC simulations (a detailed analysis of SANS

experiments gives a solubility of 8.5± 0.2% at 300°C [21], in the present model

is it slightly larger: 9 ± 0.1% at 290°C). Simulations performed with 12 and

18% are summarized in Fig. 8 to 10. The acceleration under irradiation is ap-

proximately the same as in the Fe-15%Cr alloy, i.e. 6 or 7 orders of magnitude.

The maximum density of precipitates strongly increases with the supersatura-

tion: dmaxp ' 2× 1018, 3× 1019, and 6× 1019cm−3 for respectively 12, 15, and

18%Cr; and during thermal aging it is reached after more than 5 × 1011s in
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Figure 8: AKMC simulations of α−α′ phase separation in Fe-12%Cr alloy during an isothermal
aging at 290°C , and under irradiation at 3.4× 10−7dpa.s−1: evolution of the density dp and
of the average radius Rp of α' precipitates.

Fe-12%Cr, 4 × 1010s in Fe-15%Cr, and 1010s in Fe-18%Cr (for the Fe-12%Cr

alloy the statistics is indeed very poor, because of the small precipitate density:

the simulation box contains a maximum of 5 precipitates).

When the AKMC time is rescaled to account for the CD sink strengths and

point defect concentrations, there is again a good agreement with the exper-

imental values (otherwise, the kinetics of precipitation is about 1 or 2 orders

of magnitude too fast). The 12%Cr case must be considered with caution, be-

cause the simulations are too time consuming to reach the experimental dose

of 1.82 dpa and because of the small system size: the experiments [18] show a

homogeneous precipitation of Cr, while in the simulations (Fig. 10) precipitates

only appear in the vicinity of the GB (although not on the GB itself: a PFZ of

∼5 nm remains around the sink). This microstructure is related to the radia-

tion induced segregation of Cr [30]: at 290°C and for 12% of Cr, the coupling

between the �uxes of point defects and the �ux of Cr results in an enrichment

of Cr, that can be observed of the Cr concentration pro�le in Fig. 11 (at 0.054

dpa for example, the composition very close to the boundary is cGBCr ∼ 0.14).
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Figure 9: AKMC simulations of α−α′ phase separation in Fe-18%Cr alloy during an isothermal
aging at 290°C , and under irradiation at 3.4× 10−7dpa.s−1: evolution of the density dp and
of the average radius Rp of α' precipitates.

This higher Cr concentration increases the precipitation driving force, but in the

same region low point defect concentrations decrease the Cr di�usion coe�cient.

Precipitate nucleate and grow more rapidly in the zone where the concentration

of Cr and point defects are optimum. The absence of Cr precipitates in the bulk

is mainly due to the small size of the simulation: simulations of Fig. 10 have

been performed with L = 37nm, and at 12%Cr the nucleation rate is too small

to give signi�cant density of precipitates in such a small volume: with much

larger values of L (that would unfortunately require much longer simulation

times), one should observe a precipitation in the bulk, in addition to the one

observed near the sinks. One can nevertheless conclude that AKMC simulations

predict an acceleration of α' precipitates and a microstructure evolution in good

agreement with the experiments, when the system size in large enough to ob-

serve a signi�cant homogeneous precipitation, which is the case for Fe-15%Cr

and Fe-18%Cr at 290°C.



4.2 E�ect of the Cr content 22

Figure 10: AKMC simulations of α − α′ phase separation in Fe-12%Cr under an irradiation
at 290°C, 3.4× 10−7dpa.s−1 (N = 2× 1283)
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Figure 11: Point defect and Cr concentration pro�les around a GB in AKMC simulations of
Fe-12%Cr under irradiation at 290°C and 3.4× 10−7dpa.s−1 (N = 2× 1283, L = 37 nm).

4.3. Spinodal decomposition under irradiation

AKMC simulations of isothermal annealing in Fe-32%Cr at 290°C reveal

a bi-percolated α − α′ microstructure [Fig. 12(a)], as it has been observed by

3DAP at 500°C [9�11] and in previous AKMC simulations [9�11, 29]. Similar mi-

crostructures are observed in AKMC simulations under irradiation [Fig. 12(b)],

except again for a PFZ near the GB. Since one can not measure the density and

radius of isolated precipitates, the kinetics of precipitation is followed through

the evolution of the distribution of the local Cr concentrations clocCr (de�ned on

each site as the concentration within a sphere of radius
√

3a ' 0.5 nm, contain-

ing 59 atoms � up to the 5th nn of the site).

Fig. 13 shows the evolution of the distribution of clocCr under irradiation, with

the dose rate of the experiments of Miller et al. [14]: 3.87 × 10−9dpa.s−1(we

only give the kinetics with the rescaled time). It is again very similar to the

one of isothermal annealing, except for an acceleration factor of ∼ 104 (i.e.

less than in the previous cases, due to the lower dose rate). This shows that
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Figure 12: AKMC simulations of α−α′ phase separation in Fe-32%Cr at 290°C, (a) isothermal
annealing (N = 2× 643), (b) irradiation at 3.87× 10−9dpa.s−1(N = 2× 1283)
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Figure 13: Evolution of the distribution of local Cr concentration in the AKMC simulation
the α − α′ phase separation in Fe-32%Cr at 290°C (a) an isothermal annealing (b) under
irradiation with a dose rate of 3.87× 10−9dpa.s−1 (same as in Fig. 12)
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the solubility limits are not signi�cantly a�ected by the irradiation at such

a low �ux: the concentrations at the higher dose in Fig. 13(b): cα ' 0.10

and cα′ ' 0.96, are close to the equilibrium values (0.09 and 0.98) and will

probably reach these values at longer times. The simulation seems therefore

in qualitative agreement with the results of Mathon et al. [22], rather than

with the conclusions drawn from Field Ion Microscopy observations by Miller

and Stoller [14]. The latter were however mainly based on the observation that

the precipitate volume fraction was signi�cantly below its equilibrium value (5%

instead of 25%). The dose was only of 0.03 dpa at the end of the irradiation, and

�g. 13(b) suggests that the volume fraction of the α′ phase is still below its �nal

value for such a low dose. One clear di�erence with experiments is that isolated

α′ are not observed in the simulations. Further simulations and experiments at

higher doses and dose rates would be useful for a better understanding of this

problem of spinodal decomposition under irradiation.

4.4. Equilibrium segregation e�ects

The previous AKMC simulations predict that in supersaturated Fe-Cr alloys,

the kinetics of α − α′ decomposition is essentially accelerated by irradiation,

with no other signi�cant change except in the vicinity of the GB. In this region,

the precipitate microstructure is modi�ed by the complex interactions between

the smaller point defect concentrations and radiation-induced segregation (RIS)

(see also Refs. [30, 37]). Small point defect concentrations tend to slow down

Fe and Cr di�usion in the vicinity of the GB, and result in a precipitate free

zone. RIS, with the parameters of our model, produces an enrichment of Cr

on sinks below a threshold temperature, and a depletion above. The threshold

temperature depends on the Cr concentration [30] (in Fe-10 to 15%Cr it is above

290°C: AKMC predicts a small enrichment of Cr at GB, as shown in Fig. 11).

These general trends are in qualitative agreement with previous models and
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some experimental results, see e.g. [38, 39], but RIS tendencies in ferritic steels

are very dependent on small details of point defect migrations barriers, and

therefore di�cult to predict [30, 39�41].

Equilibrium segregation is another obvious phenomenon that controls the

alloy composition at GBs and it may therefore modify the precipitation kinetics

and precipitation microstructure. Equilibrium segregation at GBs is a complex

phenomenon: the segregation energies depend on the alloy composition in the

bulk and at the GB, on the GB orientation and on the details of its atomic

con�guration [42]. It usually produces an enrichment of Cr at GBs (see [43] and

references therein) and can then reinforce or oppose to the RIS, depending on

irradiation conditions. A detailed modeling of these features is beyond the scope

of our study, but typical e�ects can be assessed. We have performed AKMC

simulations including an equilibrium segregation driving force, by introducing

an extra energetic term esegCr = −0.1 and −0.2 eV when Cr atoms are located on

the plane of the GB and on the two neighboring planes (esegCr is the Cr segregation

energy at the GB in the dilute limit). This is the typical order of magnitude of

Cr segregation energies at GBs computed with empirical potentials [44] and ab

initio calculations [45].

AKMC simulations of Fe-15Cr%, under the same irradiation conditions as in

the previous sections are summarized in Fig. 14 to 16. With esegCr = −0.1 eV, one

observes a strong enrichment of Cr (up to cGBCr ' 0.35) on the GB and on the

two neighboring planes, but the evolution of the density and size of precipitates

is the same as with esegCr = 0 (Fig. 15). Di�erences are more signi�cant with

esegCr = −0.2 eV: the enrichment of the two planes surrounding the sink reaches

cGBCr ' 0.98 (Fig. 16) and a larger depleted zone is formed around the GB

(�g. 14), which is su�cient to slightly reduce the total density of precipitates

and increase the average radius. This e�ect of the segregation is expected to
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Figure 14: AKMC simulations of α−α′ phase separation in Fe-15%Cr under an irradiation at
290°C and 3.4× 10−7dpa.s−1, with a segregation energy esegCr = −0.2 on the grain boundary
and on the neighboring planes (N = 64× 64× 512)
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Figure 15: AKMC simulations of α−α′ phase separation in Fe-15%Cr under an irradiation at
290°C and 3.4 × 10−7dpa.s−1, with di�erent segregation energies esegCr on the GB: evolution
of the density dp and of the average radius Rp of α' precipitates.

disappear when the distance L between sinks becomes larger (and closer to usual

grain sizes), but the local modi�cation of the precipitate distribution should

persist, with also local enrichments of Cr at the GB that are much larger that

the ones due to RIS.

4.5. Ballistic mixing

A striking experimental result is that α′ precipitation has been observed dur-

ing neutron irradiations at low dose rates (typically between 10−9 and 10−6dpa.s−1

in [14, 18�21, 27]), but not under ion irradiation at higher �ux (2×10−4dpa.s−1

in [24]). One possible explanation could be the dissolution of precipitates un-

der irradiation. This well-known phenomenon results from the chemical mixing

occurring in the displacement cascades or in replacement collision sequences

[46]. Ballistic mixing is dominant at high irradiation intensity (de�ned as

γ = Dbal/Dth , the ratio of the ballistic di�usion coe�cient to the thermally

activated di�usion coe�cient, taking into account the supersaturation of point

defects), i.e. at high dose rates and low temperatures.
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The simulation of the previous sections were performed with the simple

channeling mechanism, with no replacement during the formation of the Frenkel

pairs. This mechanism minimizes the ballistic mixing (although a limited one

still occurs, due to the random nature of the formation and recombination of the

defects). To assess the possible e�ects of ballistic mixing on the α−α′ precipita-

tion, we have performed AKMC simulations with the simple mechanisms of RCS

and replacement cascades described in section 3.2. Although highly idealized,

they involve the main ingredient controlling the competition between the ather-

mal mixing and the acceleration of di�usion, i.e. the number of replacements per

displacement, with the correct order of magnitude (∼ 10 for a RCS, ∼ 100 for a

displacement cascades, see e.g. [47]). AKMC simulations of α′ precipitation in

a Fe-18%Cr alloy under irradiation at 3.4×10−7dpa.s−1 (with the time rescaled

by Eq. (5)) are summarized in Fig. 17. One observes similar evolutions of the

number and size of precipitates. The evolution with the RCS and the channel-

ing mechanisms are indeed identical, while the simulations performed with the

replacement cascades are slightly slower (by a factor ∼ 2). The latter e�ect is

simply due to lower point defects concentrations, not to ballistic mixing. The

di�erence comes from the fact that with the channeling and RCS mechanisms,

the vacancy and interstitial are created at a constant distance (10 nn), well

above the recombination distance rc (4 nn). With the replacement cascades,

some pairs recombine immediately after their formation, or after a few jumps

(correlated recombinations). This is indeed shown by the measurement of the

point defect concentration pro�les: one gets the same factor cRCSv /cCASv ' 2.

Ballistic e�ects are still negligible at higher �ux (Fig. 17): by comparison with

simulations at 3.4 × 10−7dpa.s−1, the precipitation at 10−3dpa.s−1(both with

the replacement cascade mechanism), is simply accelerated by a factor ∼ 3000

corresponding to the ratio of the dose rates. In all these cases, the irradiation
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at 290°C accelerates the precipitation, but it does not dissolve the precipitates

or prevent the coarsening, as predicted by simulations of model alloys at higher

irradiation intensities [48].

These results are not surprising, since in the conditions of the neutron irradi-

ations at 290°C, the irradiation intensity is low: γ ∼ 10−4 to 10−3, depending on

the sink density and the composition. Moreover, it does not change with the dose

rate (the point defect elimination being dominated by sinks: γ ∝ G/(cstv Dv),

with cstv ∝ G). Ballistic mixing should however become dominant at lower T

and with a low sink density, where one expects Dth ∝
√
G exp[−Emv /(2kBT )]

[31, 32] and γ ∝
√
G exp[+Emv /(2kBT )]. Unfortunately AKMC simulations be-

come much more time consuming in such conditions, because of trapping and

correlations e�ects (the interstitials, more especially, are strongly trapped at

the α − α′ interfaces). Preliminary attempts in Fe-Cr alloys show that it is

di�cult to run simulations below 450K, at least with the present parameters.

The development of special algorithms (see e.g. [49]) may be required to per-

form simulations in conditions where ballistic mixing is dominant. Experimental

studies at low temperatures would be of course quite interesting, even if the slow

kinetics without irradiation will prevent a direct estimation of the acceleration

factor.

5. Conclusions

AKMC simulations of binary Fe-Cr alloys with 12 to 18% of Cr, show that

at 290°C the α− α′ precipitation is very slow during isothermal annealing, but

is strongly accelerated by irradiation, by a factor that is directly controlled by

the increase of point defect concentrations.

The simulations are in good agreement with experimental studies under

neutron irradiation, and predict that the acceleration is the only signi�cant
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e�ect on the precipitate microstructure, except in the vicinity (on a distance

a few 10 nm) of the grain boundaries. In these regions, perturbations result

from the interactions between the local point defect depletion, radiation-induced

and equilibrium segregations. At this temperature, ballistic mixing e�ects are

negligible, due to the rapid thermally activated di�usion of point defects in

iron alloys. This suggests that the lack of precipitation observed during ion

irradiation at high dose rates is not due to the ballistic dissolution of precipitates.

These conclusions are drawn from a simple model of binary Fe-Cr alloys.

The materials used in experimental studies always contains other minor alloying

elements and impurities. Some of them have very strong interactions with point

defects (the interactions between direct interstitials C, N, O with vacancies

are especially attractive [50]). The fact that our model is in good agreement

with the experiments suggests that they do not signi�cantly a�ect the kinetics

of α′ precipitation under irradiation. But they could a�ect the distribution

of point defect clusters: recent SANS studies have revealed, in addition to α′

precipitates, the formation of small Cr-C clusters under neutron irradiation [51].

Co-segregations of Cr and C at GBs have been also observed under irradiation

[43]. It is hoped that the integration of carbon in the AKMC simulations will

provide further insights into such observations. The modeling of GBs could

also be improved (e.g. with a detailed �tting of the segregation energies or by

taking into account the local acceleration of di�usion). However, the radiation

accelerated precipitation in Fe-Cr appears to be less sensitive to the details of

point defect properties, and therefore more predictible than RIS, using simple

di�usion models as those used in the present study.
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